ABSTRACT: While ∼75% of commercially utilized polymers are semicrystalline, the generally low mechanical modulus of these materials, especially for those possessing a glass transition temperature below room temperature, restricts their use for structural applications. Our focus in this paper is to address this deficiency through the controlled, multiscale assembly of nanoparticles (NPs), in particular by leveraging the kinetics of polymer crystallization. This process yields a multiscale NP structure that is templated by the lamellar semicrystalline polymer morphology and spans NPs engulfed by the growing crystals, NPs ordered into layers in the interlamellar zone [spacing of (10−100 nm)], and NPs assembled into fractal objects at the interfibrillar scale, (1− 10 μm). The relative fraction of NPs in this hierarchy is readily manipulated by the crystallization speed. Adding NPs usually increases the Young's modulus of the polymer, but the effects of multiscale ordering are nearly an order of magnitude larger than those for a state where the NPs are not ordered, i.e., randomly dispersed in the matrix. Since the material's fracture toughness remains practically unaffected in this process, this assembly strategy allows us to create high modulus materials that retain the attractive high toughness and low density of polymers.
■ INTRODUCTION
It is well-known that varying nanoparticle (NP) dispersion in polymer, metal, or ceramic matrices can dramatically improve material properties. 1−5 While uniform NP spatial distribution is usually the focus, 4, 6 many situations benefit from spatially nonuniform, anisotropic NP organization. Nature teaches us that hierarchical NP ordering, as achieved in the case of nacre (a hybrid composed of 95% inorganic aragonite and 5% crystalline polymer, e.g., chitin), strongly improves mechanical properties relative to the building blocks. Specifically, a nanoscale ∼10 nm thick crystalline biopolymer layer mediates parallel layers of aragonite, forming "bricks", which subsequently assemble into "brick-and-mortar" superstructures at the micrometer scale and larger. 7, 8 While the spontaneous assembly of NPs into a hierarchy of scales in a polymer host has been a "holy grail" in nanoscience, there is currently no established method to achieve this goal. 9−14 We fill this critical void by assembling NPs simultaneously into three scales in the polymer-rich regime by leveraging the hierarchical structure of the lamellar semicrystalline polymer morphology: (i) NPs that are engulfed by the crystallization front and remain spatially well-dispersed; (ii) NPs assembled into sheets at the (10−100 nm) scale, and (iii) NP aggregates at the 1−10 μm scale (Scheme 1A). The partitioning of the NPs into the three zones is controlled by the crystal growth rate. This assembly causes a dramatic improvement in the modulus of the material while retaining the attractive large toughness and low density of the pure semicrystalline polymer.
■ RESULTS AND DISCUSSION
Polymer melt crystallization typically yields an anisotropic lamellar morphology where oriented chain stems are added along the spherulite perimeter producing crystal growth in all three directions (Scheme 1B). 15 The resulting crystal dimensions are quite different in the lamellar (i, 10−100 nm), fibrillar (g, μm), and spherulitic (G, μ-cm) directions. We first define a critical growth velocity G c above which most of the initially well-dispersed NPs are engulfed by the growing crystal and thus remain isotropically distributed in the polymer ( Figures 1A and 1B) . While G c can be defined in several ways, for simplicity we compare the time scale for NP diffusion away from the growing crystal, τ D = a 2 /D, to that for crystal growth, τ G = a/G, 16−18 where a is the crystal lattice spacing and D is the NP diffusion constant. ; k is Boltzmann's constant, T is the temperature, R is the NP radius, and η is the medium viscosity.
(The Stokes−Einstein relationship can underestimate the diffusion coefficient of 10 nm sized NP in a polymer melt; 19 ,20 however we deem this approach appropriate for illustrating the phenomena of interest in this system.) Thus, G c ∼ 0.01−1 μm/s for NPs of R ∼ 10 nm is obtained in typical polymeric materials. 21 We show here that, while the NPs are almost completely engulfed for G > G c , they are progressively expelled from the crystal and ordered into the three hierarchical scales in the lamellar morphology for G < G c (Scheme 1A, Figures 1C and  1D) . Notably, the nanoscale NP organization is structurally similar to that of nacre on comparable length scales ( Figure  1E ). For rates just below G c we conjecture that the system loses less free energy by placing NPs into the interlamellar regions (where they are the most confined) than having the growing crystal front "push" the NPs all the way to the (interspherulitic) grain boundaries. The NP ordering in this situation is thus templated by the lamellar morphology resulting in parallel NP sheets with the desired (10−100 nm) spacing. As G is decreased further, the fraction of engulfed particles decreases, and more NPs are placed in regions where they are progressively less confined, namely, the interlamellar region followed by the interfibrillar and then the interspherulitic zone. This protocol allows us to access multiscale NP ordering relevant to biomimetics in a facile manner by variations in the crystal growth rate. 22 Experimental Systems. Two different poly(ethylene oxide) (PEO) melts (molecular weight M w = 100 kg mol , respectively) are well-mixed with polymergrafted-silica NPs. The spherical silica NP core diameter is 14 ± 4 nm, and the polymer brush is either poly(methyl methacrylate) (PMMA, grafting density, σ = 0.24 chains/nm 2 , and M w = 28 kg mol ). 23, 24 Unless otherwise noted, the PEO has a M w = 100 kg mol −1 and the particle is PMMA-g-silica. Also, the reported NP loading includes the brush, e.g., for the 20 wt % PMMA-g-silica, the volume percentage of silica core is ∼3.5% (Table S1 in Supporting Information). Additionally, note that all the "S#" tables and figures in the text below are provided in the Supporting Information.
Proving Miscibility in the Melt State. Transmission electron microscopy (TEM, Figure S1a for PMMA-g-silica and Figure 1A for PMA-g-silica) and small angle X-ray scattering (SAXS, Figure S2 and Table S1 ) confirm individual NP distribution in the polymer after rapid quenching with liquid nitrogen. No remarkable difference is seen in the SAXS profiles between the molten and the quenched samples, confirming that quenching did not affect the NP dispersion ( Figure S3 ). Analysis of the SAXS data at 10 wt % NP yields the median silica core size (R ∼ 6.3 nm, log-normal polydispersity of 0.28). This is close to the accepted value (R = 7 ± 2 nm).
At higher NP concentrations the interparticle surface-tosurface distance (h s−s ), obtained by fitting the SAXS data to the hard-sphere Percus−Yevick model ( Figure S2e ), is essentially that expected assuming random NP dispersion. Linear rheology shows that the temperature dependent shift factors for the melt mixtures are intermediate between those for pure PEO and PMMA ( Figure S4 ). Based on these multiple results, we conclude that the NPs are homogeneously dispersed in the molten matrix, probably because PEO and PMMA are thermodynamically compatible. 23 Similarly, the PMA-g-silica NPs are also well-mixed with the PEO melts ( Figure 1A ). 24 A series of melts were quenched to different temperatures, thus systematically varying G, and isothermally crystallized for different periods of time. The PEO crystal unit cell and mechanism of crystallization are apparently not significantly affected by the NPs even at 20 wt % loading (Figures S5b and S5c). 25 However, the NPs reduce G ( Figures S5a and S6 , Table  S2 ) for larger loadings presumably due to confinement ( Figures  S7 and S8) . Therefore, by varying NP content or crystallization temperature, we can make G larger or smaller than G c ( Figure  1F ). Additional facts about the effect of NP on polymer crystallization are provided in the Supporting Information.
NP Organization Driven by Polymer Crystallization. We next examine the role of isothermal polymer crystallization on NP assembly. For G > G c (e.g., isothermal crystallization at 52°C), the SAXS pattern is essentially the same as that of the quenched sample ( Figure 2A ). The NPs are apparently engulfed by the growing crystal front and do not show large changes in their spatial dispersion. 25 SAXS and small angle neutron scattering (SANS, Figures S9 and S10) verify these conclusions and provide detailed insights. At 20 wt % NP, the average h s−s , the face-to-face separation between the NPs is essentially unchanged even after 7 d crystallization ( Figure  S10 ). In contrast, h s−s for the 40 wt % NP is reduced after 4 h crystallization, beyond which it is essentially equal to zero. No significant changes are found for the 60 wt % sample where h s−s ≈ 0 at all times ( Figure S9 ). These results strongly suggest that, even though the NPs tend to locally move until they come into contact, no large-scale ordering emerges. These findings are unrelated to the glass transition temperature T g of PMMA (∼110°C), since PMA (T g ∼ 14°C) grafted NPs behave similarly.
However, with increasing crystallization temperature (or lowering G, e.g., T > 55°C), we see three peaks in the scattering patterns (Figures 2A and 2B ). The interparticle correlation peak (highest q) shifts to larger q upon crystallization (from ∼0.017 Å −1 to ∼0.023 Å −1 , Figures S10 and S11), suggesting that the NPs locally approach each other. The intermediate q ≈ 0.01 Å −1 peak, corresponding to a correlation distance of ∼63 nm, is associated with one of the new NP structures formed by crystallization at 58°C, where G ∼ 6 × 10 −3 μm/s for 20 wt % PMMA-g-silica in 100 kg mol
PEO. TEM and scattering show that the NPs are aligned into parallel sheet-like structures ( Figures 1C, 1D , and S1B). Using a PMMA-g-silica NP diameter of ∼23 nm and the known PEO long period of ∼41 nm at 58°C ( Figure S12 ) verifies this structural assignment. Fourier transforms reiterate the anisotropic NP spatial distribution (inset of Figure S1B ). The kinetics of the formation of these structures speeds up when PEO with a smaller molecular weight (e.g., 46 kg mol −1 ) or NPs with a larger mobility (PMA-g-silica) are used (Figures S11 and 1C). Remarkably, this nanoscale NP ordering strongly resembles that observed in nacre at the nanoscale, except that nacre is ∼95% inorganic while our materials are ∼97% organic ( Figure 1E ). Very small angle neutron scattering (VSANS, Figure 2B ) reveals a third peak at an even lower q (∼10
), indicating a population of NPs ordered at a larger scale (∼6 μm), presumably corresponding to the interfibrillar region.
To model the scattering curves we used three NP populations: (I) primary "engulfed" NPs, (II) an "interlamellar" population, and (III) an "interfibrillar" component. For each population, a polydisperse form factor and its associated structure factor are adopted, as given by
where φ, P(q), and S(q) are the volume fraction, form factor, and structure factor of the NP structures. "1", "2", and "3" correspond respectively to the structure of populations I, II, and III. Specifically, P 1 (q) is the form factor of a single polymer grafted NP modeled with a polydisperse spherical core−shell (note that, in neutron scattering, the contrast of the shell is close to that of the matrix, thus making the shell nearly invisible) and S 1 (q) is the structural correlation between single particles; P 2 (q) is compact aggregates of several primary NPs 
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Research Article modeled with a core−shell of larger effective radius within the layers, and S 2 (q) represents the interlayer correlations; P 3 (q), corresponding to the particle structure in the interfibrillar region, is modeled by fractal clusters, and S 3 (q) is the associated structure factor. S 1 (q), S 2 (q), and S 3 (q) are modeled by the hard-sphere Percus−Yevick structure factor. Note that this model assumes no correlation between different populations. Additionally, we have also used a rod-like form factor (rods made up of spherical NPs) for P 2 (q), but no significant improvements over the fittings were achieved, and similar results were obtained. Moreover, we only observed strongly anisotropic scattering in the 46 kg mol −1 based samples ( Figure  1D ), in which case the form and structure factor cannot be decoupled. However, for those in 100 kg mol −1 PEO, the scattering pattern is isotropic in both X-ray and neutron beams, and hence the model we propose here is valid. For quantitative analysis ( Figure 2C ), we relied on the neutron scattering data instead of the X-ray scattering, as in the latter case the beam size is comparable to or maybe even smaller than that of one spherulite. Therefore, the scattering pattern could not be representative of the entire sample. In contrast, in neutron scattering, where the beam size is much larger, the sample scattering is always isotropic and also should well represent the ensemble structure of the entire sample. The fitting results obtained in this manner are presented in Figure 2C and also provided in Table S3 .
Our modeling results illustrate two important facts: (i) The average interlamellar distance can be easily tuned by controlling the crystallization temperature (Figure 2A ). For example, we clearly observe layered NP structures upon crystallization at 60°C for 8.5 days ( Figures S1C and S1D) , with a SAXS determined interlamellar correlation length of ∼70 nm = ∼23 nm + ∼50 nm (PEO long period at this temperature, Figure  S12 ), while at 57.5°C the distance between layered particles is reduced to ∼57 nm. Moreover, this average interlayer distance apparently increases with NP content ( Figure S13 ). For example, in the samples with PMA-g-silica in 100 kg mol
PEO, the mean interlamellar distance estimated from SAXS is ∼71 nm and ∼94 nm, respectively, for the 40 and 60 wt % samples at 58°C. These SAXS findings are in good agreement with TEM estimates (e.g., for the 40 wt % loading we find a spacing of ∼75 nm, Figure 1C ). (ii) The fraction of NPs in the interlamellar zone increases as G decreases. We find that all the NPs are engulfed in the quenched sample and also at 52°C (Figures 2A, S10 , and S11); ∼15% of the NPs (or ∼0.5 vol % silica in the sample) are interlamellar at 55°C while it is ∼26% (or ∼0.9 vol % silica core) at 58°C ( Figure 2C ). Similarly, we find no significant fraction of interfibrillar NPs at 52°C, while ∼1% of the NPs (or ∼0.04 vol % silica core) are interfibrillar at 58°C ( Figure 2C ). This clearly illustrates that decreasing G directs the NPs to be placed preferentially in the interlamellar and interfibrillar zones, rather than be engulfed. 26 Presumably, crystallizing at even lower rates will result in an increased percentage of NPs placed in the interfibrillar/interspherulitic zones. 22, 27 This last inference is consistent with NP ordering by the crystallization of small molecules, e.g., ice templating, where the NPs are exclusively placed at grain boundaries for G ≪ G c . 12, 28 Simulations. To investigate the role of polymer crystallization on NP organization, we simulate a model that abstracts the morphology represented in Scheme 1B while retaining important details. By modeling a pillar-like moving crystal front with finite thickness ( Figure 3A ) in the second direction (but infinite thickness in the third direction) we can model engulfed NPs, NPs localized on the sides of the crystal ("interlamellar" particles) or NPs placed preferentially on top ("free" NPs, which are used to model the interfibrillar zone); Figure S14 show details on free particle localization ahead of the front. We can also describe the interspherulitic zone by making the pillar finite in all directions, but do not include this feature here. Additional details can be found in Materials and Methods as well as the Supporting Information. Figures 3B and 3C show representative results for the fraction of NPs localized in the three different regions vs G. At large G, the NPs are predominantly engulfed: i.e., the crystal grows so rapidly that the NPs can only reorder locally but cannot escape the growing 
Research Article crystals. Below G c the NPs are progressively expelled into the interlamellar and interfibrillar zones. Notice that the "transition" in behavior is gradual and that we can vary the fraction of NPs in the two zones through judicious choices of G. While the interlamellar particle fraction progressively increases as G is reduced, the interfibrillar fraction appears to show a local maximum. However, this is not a real feature since it is within the uncertainties associated with the use of a small number of particles (N = 40) in the simulation. The underpinning idea that growing fronts can "sweep" NPs along is well-accepted in the freeze casting community 26 eventually leading them to be placed in the intercrystal zone. By analogy, we propose that the NPs are swept by the crystal front and eventually end up in the interfibrillar zones under the conditions relevant to our experiments.
Consequences on Mechanical Properties. Dynamic mechanical thermal analysis (DMTA) yields the linear mechanical behavior at room temperature, and single-edge notched three-point bending tests provide fracture toughness information (SEN-3PB). We compare identically crystallized NP-loaded polymers and pure PEO samples which have comparable spherulite sizes and crystallinities ( Figures 4A, 4B , and S15, Table S4 ).
The addition of 20 wt % well-dispersed NPs increases the 100 Hz elastic modulus (E′) by a factor of ∼1.6 ( Figures 4C  and 4D , "RT quench"). Fitting to the Guth−Gold relationship, . In contrast, when NPs are hierarchically organized, the E′ ( Figure 4D , "58°C-7d") increases by ∼2.2 relative to the pure matrix, even though only ∼26% of the NPs are interlamellar (at 55°C this increase is ∼2.0 times). This reinforcement is fit with a linear relationship: (E′/E PEO ′ ) order = (E′/E PEO ′ ) disorder (1 + 50Φ interlamellar ), where the E disorder ′ is discussed above. The ratio of mechanical second virial coefficients implies that ordered NPs give a (50 + 8.4)/8.4 ≈ 7-fold increase in modulus relative to the disordered analogue. This dramatic effect on the polymer's stiffness represents an important practical consequence of NP assembly.
SEN-3PB experiments enumerate the strain energy release rate, G 1q ( Figures 4F and S17 ). Since the amorphous part of PEO is rubbery at room temperature, plastic deformation can cause significant energy dissipation (highly drawn fibrils on fracture surfaces, Figure S18 ). 30 To avoid these problems, we studied samples with a series of precrack lengths and measured the work of fracture. 31 The y-intercept in Figure 4E yields the material specific fracture toughness, while the slope gives the plastic contribution. Figures 4E and 4F consistently demonstrate that the fracture toughness is practically unaffected, independent of NP spatial order ( Figure S19 ).
■ CONCLUDING REMARKS
In summary, via experiments and applicable simulations we have achieved, explained, and demonstrated the emergence of multiscale NP ordering in lamellar semicrystalline polymer matrices by tuning a single parameter, the crystallization speed. An enhanced material modulus is a direct consequence of these phenomena. Furthermore, this tunable multiscale order arises from a delicate interplay between particle mobility, confinement, and the inherently anisotropic polymer crystal morphology, which opens avenues for the development of improved polymeric materials.
■ MATERIALS AND METHODS
Materials and Synthesis. Tetrahydrofuran (THF, ACS agent, >99.0%) was purchased from Sigma-Aldrich. Poly-(ethylene oxide) (PEO) was ordered from Scientific Polymer Products (M w ∼ 100 kg mol The specific work of fracture as a function of ligament length (i.e., the width of the sample minus the precrack depth) measured by SEN-3PB. (F) The energy release rate G 1q at a ligament length (l) of ∼3 mm normalized by the neat polymer crystallized at identical conditions (minimum three specimens each). We use G 1q since the specimen dimensions did not strictly follow ASTM plane strain criteria.
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Research Article Poly(methyl acrylate) (PMA) grafted silica NPs with a grafting chain length of 62 kg mol −1 and 0.43 chains/nm 2 were also synthesized. Antioxidant Irganox 1010, donated by Ciba Specialty Chemicals (now BASF Switzerland), was used to minimize thermal degradation during annealing.
Sample Preparation and Processing. The PEO (with ∼0.5 wt % Irganox relative to the mass of PEO) was dissolved in THF at ∼65°C for ∼1 h. Following that, appropriate amounts of polymer-g-silica NPs were added. After mixing at the same temperature for another 1 h, the composite solutions were probe-ultrasonicated for 3 min using an ultrasonic processor (model GEX-750) operated at 24% of maximum amplitude with a pulse mode of 2 s sonication followed by 1 s rest. These solutions were poured into a PTFE Petri dish or drop-cast onto a glass slide. The solvent was removed by evaporation at either room conditions or ∼65°C. The resulting nanocomposite films were air-dried in a fume hood for several days, then annealed at 80°C in a vacuum oven for 24 h, and stored in a desiccator for further use (note that the 46 kg mol −1 PEO based samples were only annealed at 80°C for 2 h to minimize the thermal degradation). Crystallization of the annealed films was conducted in either a water bath (IKA IB 20 pro) or a differential scanning calorimetry (DSC) at a specified temperature or cooling rate. When using a water bath, the samples (contained in a threaded, aluminum capsule tube with silica gel) were first heated to 85°C in a vacuum oven, stabilized for half an hour, and then quickly transferred to the water bath, which had been equilibrated at the prespecified temperature. After crystallization, the aluminum tube was taken out from the water bath and cooled to room temperature.
Differential Scanning Calorimetry (DSC). Modulated DSC measurements were performed on a TA Q100 in a nitrogen atmosphere. The instrument was calibrated with indium for temperature and sapphire for heat capacity. All the experiments were conducted using a modulation amplitude of 1°C and a modulation period of 60 s. Initially, 10−40 mg of the annealed sample was placed in an aluminum pan, heated to 100°C
, and stabilized for 10 min to erase any thermal history and prevent the self-seeding of PEO. For isothermal crystallization, the sample was first rapidly cooled down to 70°C with an equilibration of 5 min, and then jumped to the preset temperature for isothermal crystallization. This two-step cooling procedure was used to mitigate the effect of temperature overshoot on isothermal crystallization.
Cross-Polarized Optical Microscopy (POM). Transmission POM, using an Olympus BX 50 microscope equipped with a movable heating plate provided by Linkam Ltd., was used to estimate the spherulite growth rate and from there the NP mobility at a specified crystallization temperature. A glass slide supported thin sample film, prepared according to the procedure described earlier, was first heated up to 90°C for 10 min to erase the thermal history and to eliminate any selfseeding nuclei. The sample was then cooled down to the preset temperature for crystallization. Once the desired temperature was reached, a real-time video of the growing spherulites was recorded. The spherulite sizes at different crystallization times for each sample were then measured using ImageJ (version 1.45s), from which the spherulitic growth rates can be extracted. A copper wire with a known diameter was used to calibrate the magnification of the microscope.
Transmission/Scanning Electron Microscopy (TEM/ SEM). Sections of 70−90 nm thickness were prepared using a Leica EM UC6 microtome operating at −120°C with a Leica EM FC6 cryo attachment and a diamond knife. In some cases, the resulting thin sections were collected on copper TEM grids and quickly transferred to a liquid nitrogen container to minimize water absorption. Samples were stored in liquid nitrogen for less than a week. A cryo-transfer holder was used to load the frozen samples into a Tecnai G2 20 XTWIN electron microscope. The accelerating voltage was 200 kV, the sample temperature was −170°C, and low dose (∼300 e − / nm 2 ) was used to minimize beam damage. In other cases the thin sections were quickly transferred to a small plastic box containing silica gel particles to minimize water adsorption, and finally visualized in a JEOL JEM-100 CX electron microscope at room temperature. The fracture surface morphology of the specimens tested in the 3-point bending experiments was examined in a FEI Versa 3D scanning electron microscope using an accelerating voltage of 1−2 kV. To avoid charge accumulation on the sample surface during imaging, a thin layer of platinum (less than 1 nm) was deposited onto the specimen surface using a Technics Hummer V sputter coater.
Scattering Characterization. SAXS measurements were performed on beamline 12-ID-B at the Advanced Photon Source using a photon energy of 14 keV and a detector distance of 3.6 m (leading to a q range of 0.002−0.52 Å . Small angle neutron scattering (SANS) experiments were carried out on the GP-SANS beamline at HFIR at the Oak Ridge National Laboratory or the NGB 30m beamline at National Institute of Standards and Technology. The VSANS data were collected at the KWS-3 beamline at Heinz Maier-Leibnitz Zentrum in Germany. All samples were examined at room temperature unless otherwise indicated. XRD tests were performed using a PANalytical Xpert3 Powder X-ray diffractometer over the range of 5°< 2θ < 60°. Each sample was analyzed for 5 min at room temperature. The obtained Bragg peak at 2θ ≈ 19°was fit to a Pearson and Lorentz function to estimate its full width at half-maximum, from which the lamellar thickness (L c ) can be derived according to Scherrer's equation.
Mechanical Tests. Dynamic Mechanical Thermal Analysis (DMTA) was conducted on a Rheometrics Instruments DMTA-V using a sample dimension of ∼10 mm × 2.5 mm × 0.66 mm. All tests were performed at 25°C in a tension mode at a strain of 0.01% to ensure that the loading was elastic. The probed frequency of deformation ranges from 0.002 to 100 Hz.
Single-edge notched 3-point bending (SEN-3PB) experiments were carried out to examine the fracture toughness of the testing specimens following ASTM standard D5045-14. The specimen geometry is approximately 38 mm × 6 mm × 2.5 mm, with a support span of 24 mm. Prior to tests, the surfaces of the specimens were first smoothened and then a precrack of a determined length was made with a fresh razor blade driven by a mill machine. The actual length of the precrack was ultimately determined by an optical microscope after the bending test. The fracture toughness was measured on an Instron 4204 mechanical testing machine using a miniature three point bend fixture (2810-412, Instron) at a constant displacement rate of 0.3 mm/min. Estimation of the stress intensity factor (K 1q ) and the strain energy release rate (G 1q )
Research Article was conducted following the ASTM standard D5045-14. For each material at a ligament length l ∼ 3 mm, at least three specimens were tested to estimate G 1q . Note that, due to the limitation in the quantity of the materials, the sample geometry used in the current work does not strictly follow the plane strain criteria suggested by ASTM. However, our samples do satisfy the plane strain conditions defined by work of fracture for ductile materials. 31 Finally, the work of fracture for each specimen at different precrack lengths was determined by integration of the load−displacement curve.
Numerical Studies. We conducted molecular dynamics simulations on 40 NPs interacting with a pillar-like growing crystalline front in a simulation box with periodic boundary conditions in x-and y-directions ( Figure 3A) . 33 NP−NP interactions are purely repulsive corresponding to a truncated and shifted Lennard-Jones potential with energy constant ε = 1.0, particle diameter σ = 1.0, and cutoff distance r c = 2 , where H is the system Hamiltonian and the drag coefficient follows Γ = 6πRη. The particle trajectories are calculated forward in time via the velocity-Verlet algorithm. Here, it is important to discuss how kinetic engulfment and NP trajectories near the crystal front (d < 0.05σ) are evaluated. The NP can move away from the crystal if its velocity in the direction of crystallization is larger than G. Otherwise, particle motion stops and it is engulfed. NP organization results at low crystallization velocities (G < G c ). Interlamellar particles are located on the sides of the crystal, while interfibrillar NPs are placed on top of the growing front. Simulation data points correspond with averages over five runs.
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